Nature of grain boundaries (GBs) should affect the micro-structural evolution and mechanical properties of metallic micro-crystalline formed by severe plastic deformation. The stability and interfacial bonding of coincidence tilt and twist GBs in Al and Cu have been examined by using the projector-augmented wave method within the density-functional theory. For the {221} AE ¼ 9 tilt boundary, glide models are more stable than mirror models for Al and Cu, and the {001} AE ¼ 5 twist boundary is more stable than the AE ¼ 9 tilt boundary for Al and Cu, due to smaller structural distortions. There is a tendency that the boundary energies in Al are substantially smaller than those in Cu. This can be explained by the electronic and atomic behavior of bond reconstruction at the interfaces in Al, due to the covalent nature of Al as observed in the charge density distribution, in contrast to rather simple metallic bonding at Cu GBs.
Introduction
Grain boundaries (GBs) have serious effects on the mechanical properties of metallic materials as barriers of dislocation transmission or as sources or sinks of dislocations. This feature is greatly enhanced in nano-or sub-micron grained metals formed by the severe plastic deformation (SPD) process, such as ECAP (equal-channel angular pressing), ARB (accumulative roll bonding) or HPT (highpressure torsion), where we can see peculiar mechanical behavior such as co-existence of hardness and ductility. 1, 2) In such systems, GB regions dominate substantial volume ratio and there are only few movable dislocations inside grains. Thus the response or deformation of GB regions for applied stresses and the dislocation nucleation at GBs directly dominate the macroscopic mechanical behavior. On the other hand, the nature of GBs and the interactions between GBs and dislocations also dominate the micro-structural evolution during the SPD process. In this way, we have to understand the primary behavior of metallic GBs under various tensile or shear stresses, and the primary interactions between GBs and dislocations. For this purpose, we would like to emphasize the importance of computer simulations at various length scales effectively combined with experimental studies.
Al and Cu are typical fcc metals which can be easily deformed into micro-crystalline by the SPD, although the features of micro-structural evolution and effects of impurity concentrations are quite different for Al and Cu. 3) This should be mainly caused by quite different behavior of dislocations due to different stacking-fault energies (SFEs) for Al (166 mJ/m 2 ) and Cu (45 mJ/m 2 ). 4) Recently, the origin of the different SFEs has been explained by the different bonding nature. 5) In Al, sp electrons reveal rather covalent or directional-bonding features in deformed or defective configurations 6, 7) in contrast to rather isotropic metallic bonding of Cu with a closed-shell d-band. More distant inter-atomic interactions in Al via such sp electrons generate a substantial energy difference between fcc and hcp structures, while the structural difference over the 2nd neighbors is not so sensitive in Cu with short-ranged inter-atomic interactions, resulting in much larger SFE for Al. On the other hand, it is quite interesting to examine this aspect on the bonding nature at GBs themselves. The bonding nature at GB regions should have serious effects on the mechanical response for applied stresses and on the interactions with dislocations and impurities.
Thus in this paper, we examine the stability and atomic bonding of typical coincidence-site-lattice (CSL) GBs in Al and Cu, by using first-principles calculations based on density-functional theory (DFT). We deal with the {221}AE ¼ 9 tile and {001}AE ¼ 5 twist GBs in Al and Cu. It is essential to understand the behavior of valence electrons at various GBs in each metallic species.
Theoretical Method

Ab initio scheme
We used the projector-augmented wave (PAW) method 8, 9) based on the DFT within the generalized gradient approximation (GGA) 10) via generalized package program QMAS (Quantum MAterials Simulator).
11) The PAW method is the most improved scheme within the pseudo-potential framework with both excellent accuracy and efficiency. Realistic oscillating behavior of valence-wave functions near nuclei is accurately reproduced by the projection for pseudo-wave functions described by a plane-wave basis, differently from conventional pseudo-potential schemes. For Al, the cut-off radii for the projectors of s and p channels are all 1.9 a.u., and the atomic local pseudo-potential is constructed as a normconserving pseudo-potential for a d component. For Cu, the cut-off radii for the projectors of s, p and d channels are all 2.2 a.u., and the atomic local pseudo-potential is given by truncating the all-electron atomic potential. The accuracy of the scattering properties of these two sets of local potentials and projectors was examined by logarithmic derivatives. 8) In QMAS, the electronic ground-state is obtained iteratively by the block-Davidson scheme 12, 13) coupled with the efficient Kerker-Pulay charge-mixing scheme 14, 15) using the technique of MPI parallelization.
16) The plane-wave cut-off energy is 40 Ry for Al and Cu, and the k-point sampling is performed by the Monkhorst-Pack scheme.
17) The selfconsistence convergence criteria is 1:0 Â 10 À5 . In the relaxation of GB models according to Hellman-Feynman forces, the force convergence criteria is set as 1:0 Â 10
À4
Hatree (Ht)/a.u. For the fcc bulk crystals, we obtained the lattice constants of 4.03 Å for Al and 3.63 Å for Cu, which are in good agreement with previous experimental (4.05 Å and 3.61 Å in 18) ) and theoretical results (4.04 Å and 3.64 Å in Ref. 5).
Atomic models and supercells for GBs
CSL GBs are constructed as follows. 19) We imagine the superposition of the two identical crystals. If one of the two crystals is rotated around one common axis such as [001], [110] and [111] by some specific angle, the superposition of the two crystals contains sparse lattice points to coincide with each other, which are CSL points existing periodically in the original lattice. The inverse ratio of the number of the CSL points to that of the original lattice points, in other words, the ratio of the unit-cell volume of the CSL to that of the original lattice, is called as AE value. Then we introduce a GB plane along some lattice plane of the CSL, and we remove each half of the two crystals in the superposition. A formed GB should have a periodic configuration along the GB plane due to the periodicity of the CSL points along the GB plane. In this way, we can construct CSL GBs with periodic configurations.
There are additional degrees of freedom for the boundary geometry. One is a rigid-body translation (RBT) between the two grains, which is a pure shift without any rotational component. The above argument of a CSL GB is only involved in the periodicity of a GB configuration, although a RBT seriously affects a detailed GB configuration. The other is the place of the GB plane in the CSL. In the above argument of a CSL GB, the direction of the GB plane is already fixed, although the detailed place of the GB plane in the original superposition of the two crystals also affects a detailed GB configuration, associated with a RBT.
The {221}AE ¼ 9 tilt GB in fcc metals is constructed by rotating one grain with 38.94 along the [110] axis and setting (2,À2,1) as a GB plane. Here the GB plane and the rotation axis are parallel to each other, and thus this is a tilt GB. The resultant CSL cell is defined by Fig. 1(a)-1(d) . Next, the RBT parallel to the interface seriously affects the symmetry of the interface configuration, although the RBT normal to the interface, namely simple dilatation or compression, does not affect the symmetry. Two different RBTs parallel to the interface generate the glide-plane symmetry model (Figs. 1(a) and 1(b)) and the mirror-plane symmetry model (Figs. 1(c) and 1(d)), respectively. These two models were experimentally observed in Al and Cu by the high-resolution electron microscopy (HRTEM). 20, 21) Then we construct 42-atom and 36-atom supercells containing two interfaces in each cell for the glide-plane and mirror-plane models, respectively, as shown in Figs. 1(a)-1(d). For band-theoretical calculations, we have to deal with supercells with three-dimensional periodicity, and thus each cell has to contain two identical interfaces with inversion symmetry to each other. For the 36-atom supercell of the mirror-plane model, each atomic layer is initially stacked with an equal distance of a 0 /6 even at the interfaces. Thus an initial cell-length normal to the interface is 6a 0 . For the 42-atom supercell of the glide-plane model, atomic layers in the bulk regions are stacked with a distance of a 0 /6 similarly, although the interface layers have a dilated distance of a 0 /3 in the initial configuration. Thus an initial cell-length normal to the interface is (22/3)a 0 .
The {001}AE ¼ 5 twist GB in fcc metals is constructed by rotating one grain with 36.87 along the [001] axis and setting (001) as a GB plane. 22) Here the GB plane and the rotation axis are perpendicular to each other, and thus this is a twist GB. The resultant CSL cell is defined by 
Structural relaxation
For each system, the Brillouin zone (BZ) is constructed by using translation vectors of the supercell structure. 4 Â 12 Â 2 and 6 Â 6 Â 2 k-point meshes of the full BZ are used for the AE ¼ 9 tilt and AE ¼ 5 twist GB cells, respectively, corresponding to an enough dense mesh in the bulk fcc crystals. For each cell, we utilize the symmetry to reduce the total number of k points dealt with practically, and the relaxation is performed with keeping the symmetry.
In order to obtain the most stable configurations for the above models, only the RBT normal to the interface is examined. This is because the RBT parallel to the interface breaks the symmetry of each model. For the AE ¼ 5 twist GB, there are no reasons to prevent the RBT parallel to the interface, although in the present study we only deal with one configuration similar to the CSL model in Ref. 22 ) without introducing any RBT parallel to the interface as explained above.
For each model, we iteratively perform the relaxation of the configuration with a different RBT normal to the interface. The relaxation run is iterated by changing the cell-length normal to the interface, where initial atomic positions in the cell are uniformly changed before the relaxation. In each relaxation run, all the atomic positions are relaxed according to the Hellman-Feynman forces within the constraints of the symmetry. And then we finally obtain the most stable structure with the optimum atomic configuration and RBT. Note that the RBT is defined by the relation between the bulk regions of the two grains. The RBT normal to the interface, namely dilatation or compression, is not necessarily localized at the interface layer, but may exist spread combined with the atomic configuration around the interface. The validity of the optimized RBT is finally judged by the stress calculation normal to the interface. 23, 24) The boundary energy is defined as the energy increase against the total energy of the bulk crystal with the same number of atoms. In order to evaluate the boundary energy accurately, we perform ab initio calculations of the bulk supercells with similar periodicity as the GB cells. For the AE ¼ 9 tilt and AE ¼ 5 twist GBs, the 36-atom bulk cell with the translation vectors of 
Calculated Results
3.1 Optimum RBT, boundary energy and structural disorder Figure 1 shows the relaxed configurations of the six boundaries. As explained above, only the RBT normal to the interface has been examined in each system as the optimum cell-length normal to the interface. The relative change ratio is defined as: Stability and interfacial bonding of tilt and twist boundaries in Al and Cu 13
where d layer is the interlayer distance in the bulk crystal (d layer ¼ a 0 =6 and d layer ¼ a 0 =2 for the tilt and twist GBs) and l RBT and l z are the cell length with the optimized configuration and RBT and the initial cell length normal to the interface, respectively. Two in the denominator indicates the presence of two interfaces in the cell. The calculated values of RBT are À20% and À25% for the glide model of the AE ¼ 9 tilt GB in Al and Cu, +95% and +92% for the mirror model of the AE ¼ 9 tilt GB in Al and Cu, and +17% and +21% for the AE ¼ 5 twist GB in Al and Cu, respectively. Of course, the present values depend on the initial setting of the interface distance. For the glide models, the initial distance between the interfacial two atomic layers is set to be a 0 /3 in contrast to a 0 /6 in the mirror model. Thus the values of RBT for the mirror models can be regarded as À5% and À8% for Al and Cu for the initial setting similar to the glide models.
Similarly the values of RBT for the glide models can be regarded as +80% and +75% for Al and Cu for the initial setting similar to the mirror models. In any case, we can see the natural tendency that the interface layers expand as compared with the initial interface distance of the bulk interlayer distance, due to the structural disorder. From the above argument, we can obtain the boundary excess volumes 25) as absolute dilatation values compared to the bulk crystal as listed in Tables 1 and 2 .
The obtained boundary energies are also listed in Tables 1  and 2 . We can see the following tendencies: (1) the glide model is more stable than the mirror mode in both Al and Cu, (2) the twist GB is more stable than the tilt GB in both Al and Cu, (3) the boundaries in Al have smaller energies than those in Cu, and (4) there is positive correlation between the boundary excess volume and the boundary energy in both Al and Cu. The final point is consistent with the results of classical simulations. 25) For each interface model, the optimized structures of Al and Cu are essentially similar. Figure 2 shows the bondlength changes in each interface. Tables 1 and 2 also list the ranges of the bond-length changes. For the mirror models, the degree of bond distortions and the density of distorted bonds are the largest for Al and Cu. For the other GBs, the degree of bond distortions and the density of distorted bonds seem to be in a similar range.
On the coordination defects in Fig. 1 , four atoms have ten 1st neighbors and four atoms have eleven 1st neighbors in one unit cell of the interface of the glide mode, compared to twelve 1st neighbors for the bulk atom. In the mirror model, four atoms have ten 1st neighbors and two atoms have eleven 1st neighbors. For the twist GB, eight atoms within the ten interface atoms in one unit cell have ten 1st neighbors. Each interface atom has eight 1st neighbors within each grain, and thus the eight interface atoms have only two neighbors on the other side of the interface, respectively. There exists clear correlation between the boundary energy and the degree of local structural disorder for each set of the three GBs for Al and Cu, which should be the origin of the correlation between the boundary energy and the boundary excess volume. Figure 3 shows the variation of the interlayer distances for each GB. This clearly indicates that the mirror models in Al and Cu have so large structural distortions at the interfaces as to be extended into the bulk regions seriously, while the structural disorder is almost limited at the interfaces for the twist GBs. This should be the reason of the lowest GB energies for the twist GBs. It should be noted that the present twist GBs possibly become more stable by introducing RBTs parallel to the interface.
Comparison between Al and Cu
The boundary energies in Al are much smaller than those in Cu, which are 60%, 57% and 50% for the glide and mirror models of the AE ¼ 9 tilt GB and for the AE ¼ 5 twist GB, respectively. On the gross energy increase per CSL cell, the energies in Al are 74%, 70% and 62% of those in Cu for the three kinds of GBs, respectively. This does not simply mean the bond distortions for Al GBs are smaller, although this tendency can be seen. Note that defect energies and surface energies are generally larger in Cu than in Al. For example, the vacancy formation energy is experimentally 1.03 eV, 26) 1.19 eV, 27) or 1.30 eV 28) for Cu, in contrast to 0.68 eV for Al (52{66% of Cu), 29) which are well reproduced by recent ab initio calculations. 6, 7, 30) Recent ab initio calculations also indicate that the surface energy of Cu (110) is 0.901 eV per surface atom in contrast to 0.708 eV (78%) for Al(110). 31, 32) Thus the present results of the smaller boundary energies for Al than for Cu are consistent with other types of defect energies.
However, here we have to consider the relation of the cohesive energies for Al and Cu, which are 3.39 eV/atom and 3.49 eV/atom experimentally. 18) The difference is less than 3%. If we consider that the cohesive energy is proportional to a necessary energy to break inter-atomic bonds, the defect energies in Al seem to be too small as compared with those in Cu. There emerges a hypothesis that the covalent nature of valence electrons in Al 5) may generally reduce defect energies, namely stabilize defective structures via electronic and atomic behavior of reconstruction as observed in ab initio calculations of Al surfaces 33) or point defects. 6, 7) This problem will be discussed again later.
Comparison with other ab initio results
Here we present comparison of our results with previous ab initio results of Al and Cu GBs. There are not so many ab initio results of metallic GBs using LDA (local density approximation) or GGA as compared with classical computations using the embedded-atom method. 34, 35) 40) At least on the energy range, the agreement between our results and these results is good. Note that for both Cu and Al cases, LDA values have a Stability and interfacial bonding of tilt and twist boundaries in Al and Cu 15 tendency of overestimation of defect or surface energies compared to GGA. For the same GBs as ours, Ogata et al. 22) obtained the LDA value for the {001}AE ¼ 5 twist GB in Al as 676 mJ/ m 2 as compared with our GGA value of 351 mJ/m 2 . The configuration seems to be similar to each other. In addition to the usage of GGA, the difference could be caused by the usage of the large bulk cell to evaluate the boundary energy in the present computations which seems to have substantial effects on the accuracy. For the {221}AE ¼ 9 tilt GB in Al, Uesugi and co-workers 41) performed detailed examination using GGA. For the glide model, they examined two models, one is similar to ours and the other is a model with a RBT of 21) The boundary energy of the former model is 426 mJ/m 2 in good agreement with our value of 453 mJ/m 2 . But the latter model is more stable with the energy of 408 mJ/m 2 . Our model is similar to that in Ref. 42 ), of which the tensile strength with and without impurities was examined. [42] [43] [44] At present we cannot conclude which one really exists, because both configurations lead to similar HRTEM images consistent with experimental observations. 41) In any case, both configurations have essential features common to other tilt GBs. For the mirror model, they obtained the energy of 430 mJ/m 2 , which is much smaller than our value. This is because the mirror model in Ref. 41 ) is constructed by removing atoms from our model, resulting in substantial reduction of local bond distortions. Thus if we aim to clarify the overall features of the {221}AE ¼ 9 tilt GB for wide freedoms of RBTs and atomic densities, we have to add computations for new models similar to those in Ref. 41 ) in the future. In the present study, we deal with the mirror model constructed by simple stacking of the bulk layers as a model with large local bond distortions. Figure 4 shows the charge-density iso-surfaces for Al and Cu GBs. In each figure, the iso-surfaces reveal the regions of relatively high valence-electron density. It is clear that the features of valence charge distributions at the Al interfaces are quite different from those of the Al bulk regions and of the Cu GBs. At the Al interfaces, we can see remarkable charge accumulations at the local open regions formed by greatly distorted bonds or less-coordinated atoms.
Electron distribution
In the AE ¼ 5 twist GB in Al (Fig. 4(a) ), this feature is strikingly remarkable. We can see the bond-like chargedensity accumulations at the interfacial 11-18, 12-17, 13-20 and 14-19 bonds as indicated in Fig. 1(e) . These four bonds (Fig. 4(b) ). Only spherical d-electron distributions centered on each atom are seen at the interface, although the bond lengths of the 11-18, 12-17, 13-20 and 14-19 bonds are also compressed by 7.0% in the Cu GB. In the glide model of the AE ¼ 9 tilt GB in Al (Fig. 4(c) ), there exist balloon-like accumulations at the pentagon-like interfacial region formed by the atoms of No. 8, 9, 12, 13 and 11 in Fig. 1(a) for example. The coordination numbers are ten for No. 9, 12 and 11, and eleven for No. 8 and 13 as compared with twelve in the bulk. The 9-12 bond is compressed by 6.4% as compared with the bulk bond length and the large charge density occurs at this bond especially. In the mirror model of the AE ¼ 9 tilt GB in Al (Fig. 4(e) ), there also exist balloon-like charge accumulations at the pentagon-like interfacial region formed by the atoms of No. 7, 8, 12, 13 and 10 in Fig. 1(c) for example. The coordination numbers are ten for No. 8 and 12, eleven for No. 7 and 13 and twelve for No. 10. The 9-11 bond is compressed by 10.5%, and the charge accumulation also occurs at this bond.
On the other hand for the tilt GBs in Cu, we can see only spherical charge distributions of d electrons centered on each atom even at the disordered interfacial configurations as shown in Figs. 4(d) and 4(f), in spite of larger compression of the interfacial bonds, 7.0% for the 9-12 bond in the glide model and 10.9% for the 9-11 bond in the mirror model, for example. There are no special charge re-distributions at the interfaces, although there are slight overlaps between the spheres at the short bonds of the mirror model of the AE ¼ 9 tilt GB in Cu (Fig. 4(f) ).
The present contrast of the interface charge distribution between Al and Cu is rather similar to that observed in ab initio calculations of {111}/h11-2i shear deformation of Al and Cu, 5) where the valence-charge distribution reveals directional-bonding features for greatly distorted Al in contrast to simple spherical d-electron distribution centered on each atom in deformed Cu, resulting in larger ideal shear strength for Al.
The present features of significant charge accumulations for local regions formed by less-coordinated or greatly distorted atoms are general features observed in distorted or defective configurations in Al such as point defects 6, 7) and surfaces. 33) In a single vacancy in Al, the first shell is strengthened by charge accumulation among less-coordinated atoms, which stabilizes a single vacancy against a divacancy. In the present study, we have found that this kind of phenomena generally occurs at Al GBs. In previous ab initio studies, Uesugi and co-workers observed similar bond-like charge accumulation at the AE ¼ 5 tilt GB in Al, 45) although they did not make any remarks from the present view point.
Discussion and Summary
Generally in defective or distorted configurations of Al such as GBs, surfaces and point defects, we can see the covalent behavior of valence electrons of Al, such as charge accumulations or directional-bond formation at lesscoordinated or distorted atoms. This nature can be also called as ''screening'' as discussed in Ref. 46 ). Historically, this nature of Al was recognized as fails of simple shortrange pair-wise inter-atomic potentials 47) to describe energies and structures of various crystals, defects or surfaces of Al. All these features are quite different from Cu.
The relation between the bonding nature and the SFE is discussed in Ref. 48 ). The SFE can be approximated by the energy difference between fcc and hcp structures. For Cu with a closed-shell d band and s electrons, the energy of crystal structures or defect structures can be described by rather short-range inter-atomic interactions, due to rapid decrease of d-d orbital interactions in the tight-binding view point. 47) This results in a rather smaller hcp-fcc energy difference due to common short-range order for fcc and hcp, leading to a smaller SFE. On the other hand, for Al with sp electrons, the energy of crystal structures or defect structures can be described by rather long-range inter-atomic interactions, due to slowly decreasing s-s, s-p and p-p orbital interactions and higher valence-electron density, 49) resulting in a larger SFE.
The effects of the covalent nature of Al compared to Cu, in other words, screening effects or more distant inter-atomic interactions, on general defective structures such as GBs, point defects and surfaces, are quite different from the SFE problem. The covalent nature of Al leads to a larger SFE than that of Cu, due to the sensitivity for the distant structure in Al in contrast to Cu. On the other hand, for general defective structures, the covalent nature of Al causes smaller defect energies than those in Cu, due to atomic or electronic reconstruction. As discussed in Sec. 3.2, the smaller defect energies in Al than those in Cu in spite of similar cohesive energies in Al and Cu can be explained by the present view point.
In this way, it is probable that behavior of Al GBs is quite different from Cu GBs due to its bonding nature. Of course, the behavior of dislocations dominated by the SFE is closely concerned with the behavior of GBs, and it is not so easy or practical to consider the intrinsic behavior of GBs separated by dislocations. However, at least the present results indicate the possibility of lowered GB energies and strengthened interfacial bonding for Al GBs as compared with Cu GBs. The strengthening of GBs via reconstructed interfacial bonds was indeed observed in the glide model of the {221} AE ¼ 9 tilt GB in Al by ab initio tensile tests. 42) In any case, it is of great importance to examine the intrinsic mechanical properties of GBs and interactions with impurities and dislocations from the present view point in the near future. This will contribute to the development of designing technology of the mechanical properties associated with the micro-structures by the SPD process for various metallic materials from the electronic viewpoint.
